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We employ a quantum mechanical bond order potential in an atomistic simulation of channeled flow.

We show that the original hypothesis that this is achieved by a cooperative deployment of slip and twin-

ning is correct, first because a twin is able to ‘‘protect’’ a 60� ordinary dislocation from becoming sessile,

and second because the two processes are found to be activated by Peierls stresses of similar magnitude. In

addition we show an explicit demonstration of the lateral growth of a twin, again at a similar level of

stress. Thus these simultaneous processes are shown to be capable of channeling deformation into the ob-

served state of plane strain in so-called ‘‘A’’-oriented mechanical testing of titanium aluminide superalloy.
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In the tensile or compressive mechanical deformation of
engineering alloys one expects flow to be concentrated in
planes roughly at 45� to the loading axis. One peculiar
exception to this rule is the so called ‘‘channeled flow’’ in
lamellar �-TiAl superalloy. Because the atomistic under-
standing of plasticity and work hardening in metals re-
mains one of the outstanding challenges in materials
science today a detailed study of channeled flow is instruc-
tive. We do this using very large scale quantum mechanical
simulations of dislocations under impressed strains and are
able to clear up this anomaly.

Lamellar �-TiAl is constructed of layers of crystal,
upwards of 10 nm thick, sharing a common [111] direction
and separated by grain boundaries characterized by
rotations of 60�, 120� and 180� about this common axis,
Fig. 1(a). One might think that this structure would be more
resistant to dislocation glide than the monolithic crystal
since the lamellar boundaries (LB) may well be opaque or
at least resistant to the transmission of slip [1,2]. On the
other hand, the core structures of dislocations are strongly
modified by the elastic field and ‘‘chemical presence’’ of
lamellar boundaries such as to render otherwise sessile
dislocations glissile [2]. In the so called ‘‘A’’ orientation
of the compressive axis we would expect slip to occur on,
say, ð1�11Þ planes that intersect the lamellar boundaries.
Instead one observes no macroscopic shape change in the
direction perpendicular to the LBs while the strains parallel
and perpendicular to the compressive axis are equal and
opposite [3]. In other words the material is in a state of
constant volume plane strain. This unusual and curious
phenomenon has been termed ‘‘channeled flow’’[4] and
has been supposed to result from the cooperative action of
slip and twinning—processes usually regarded as mutually
exclusive. Figure 1(b) illustrates the combination of one
ordinary dislocation and three twinning dislocations on the
ð1�11Þ composition plane that carries a large Schmid factor
in A orientation and intersects the (111) lamellar bounda-
ries on which the Schmid factor is zero. The resulting
Burgers vector lies in the LBs and provides the net defor-
mation observed in channeled flow [5].

We have made very large scale atomistic simulations of
dislocations and lamellar boundaries under stress using an
explicitly quantum mechanical prescription of interatomic
forces, namely, a bond order potential. Full details have
been published elsewhere [1,6,7], but we need to point out
that complex intermetallics cannot be described by classi-
cal pair functionals such as embedded atom models, partly
because neglected angular forces are responsible for
Cauchy pressure anomalies that abound in intermetallics
and partly because they cannot reliably predict planar fault
energies and hence the stable core structures of disloca-
tions. In contrast, bond order potentials are fitted to all the
independent elastic constants and the potential we use for
� TiAl is known to reproduce planar fault energies that are
fully consistent with those predicted by the local density
functional theory [8]. A rectangular parallelepiped simu-
lation block consisting of 2016 active and 1056 inert atoms
and one periodic unit wide along the ½10�1� direction is used
in all simulations. Shear stress, �xz, is applied incremen-
tally, in steps of 0:001c44, to the block by applying the
appropriate homogeneous shear strain, evaluated within
anisotropic elasticity theory. This strain is superimposed
on the dislocation displacement fields at each atomic site.
Atoms are relaxed by molecular statics at every incremen-
tal step in the applied stress. We set the x, y, and z axes of
the simulation cell parallel to the ½1�21�, [111], and ½10�1�
directions of the L10 unit cell so that �xz amounts to a shear
in the ½10�1� direction acting on the ð1�21Þ plane in the left-
hand crystal in Fig. 2. The sense of the shear is such that it
generates Peach-Koehler force on the dislocation pushing
it in a direction perpendicular to the lamellar boundary.
We begin by creating a twin, three planes wide on the

ð1�11Þ slip plane. This is done by introducing three 1
6 ½1�1 �2�

twinning dislocations whose elastic centers lie on the
intersection of the slip plane with a 180� LB. As shown
in Fig. 2(a) this introduces a step in the boundary—incipi-
ent indication of shape change normal to the LBs which is
counter to what is observed in A-oriented specimens. We
apply a shear stress, in the plane perpendicular to the LB,
and find that we can cause slip to propagate into the
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adjoining grain through the emission of a 1
6 ½1�1 �2� twinning

dislocation. This process is illustrated in Fig. 2(b) which
shows the twinning dislocation in the right-hand crystal
trailing a superlattice intrinsic stacking fault (SISF). We
find that the smallest stress required for slip to penetrate
across the LB is 0.01 in units of the elastic shear constant,
c44, which units of stress we will use in all that follows. We
find in contrast that the resistance to transmission of 120�
and 60� LBs is much greater—the 1

6 ½1�1 �2� twinning dis-

location is nucleated as in the 180� LB but instead of
penetrating the second grain, it glides in the LB trailing
an SISF in the interface. We now increase the applied stress
and find that a dipole of twinning dislocations is nucleated
in an adjacent atomic plane to the surface of the existing
twin (that is, on the ð1�11Þ slip plane) separated by an SISF.

The expansion of the dipole at higher stresses leads to the
lateral growth of the twin. The threshold stress to initiate
lateral twin growth is 0.045 close to the 180� LB and 0.053
close to the 60� and 120� LBs. These are both smaller than
the applied stress that we find necessary to prevent the
collapse of the dipole in monolithic �-TiAl in the absence
of an existing twin, namely, 0.058. Hence, we find first that
lateral growth is encouraged by the presence of the existing
twin and second that the nearby presence of the 180� LB
further lowers the barrier to lateral growth. We should
remark that homogeneous nucleation as a means of lateral
growth is ruled out in the conventional wisdom in favor of
the familiar ‘‘barber’s pole’’ and other schemes. However,
our results are consistent with a recent finding [9].
Before we come to our simulations of channeled flow,

we anticipate that the step in the lamellar boundary due to
the introduction of the twin in Fig. 2(a) will be eliminated
by the additional Burgers vector of a 1

2 ½110� dislocation
[see Fig. 1(b)]. Having the required ½10�1� line sense puts
this dislocation into 60� mixed orientation and its behavior
in monolithic �-TiAl turns out to be qualitatively different
from that of the screw dislocation that we have described
earlier [10]. This is shown schematically in Fig. 3 which
illustrates the following findings of our simulations. Under
zero stress, the dislocation has a non planar core which
extends largely on the ð1�11Þ slip plane but which also
spreads onto the (111) cross slip plane. When a shear stress

FIG. 2 (color online). (a) A three layer twin impinges upon a
180� lamellar boundary. This produces a necessary step in the
interface. (b) Upon application of a shear stress of 0:01c44
perpendicular to the LB, a 1

6 ½1�1 �2� twinning dislocation is

emitted into the adjoining grain. � TiAl has the L10 crystal
structure, based on the face centered cubic lattice having alter-
nating (002) planes populated by Ti and Al atoms, shown red and
green. In this and Fig. 4, arrows show the relative edge compo-
nent of displacement between the atoms on either side [15].
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F

F

(111)

(b)

(a)

FIG. 1 (color online). (a) Schematic of the �-TiAl lamellar
microstructure loaded under compression in A orientation. The
domains share a common [111] direction. Orientation relations
are, 60�: ½10�1� k ½1�10�, 120�: ½10�1� k ½0�11�, 180�: ½10�1� k
½�101�. (b) Illustration of the total Burgers vector arising from a
combination of three twinning and one ordinary 60� dislocation
(after Ref. [5]).
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greater than 0.01 is applied, the core extends onto the cross
slip plane and there is a core transformation,

1
2 ½110� ! 1

6½11�2� þ SISFþ 1
3½111�; (1)

such that a Shockley partial 1
6 ½11�2� dislocation is emitted

onto the cross slip plane trailing SISF and leaving a sessile
1
3 ½111� Frank partial at the original elastic center. If the

stress is increased to 0.065, then two consecutive events
happen: First a dipole of Shockley partials is nucleated by
the stress to the right of the Frank partial in Fig. 3. Second,
the left-hand dislocation in this dipole combines with the
Frank partial to recreate the original 60� dislocation which
glides upward. The remaining right-hand partial glides
towards the first emitted Shockley to create the dipole
illustrated in Fig. 3(c). This complex event amounts to a
further transformation of the Frank partial in which it
appears to emit another twinning partial with opposite
sense to the first:

1
3 ½111� ! 1

6½�1 �1 2� þ 1
2½110�: (2)

The dislocation now glides on its slip plane and given that
the stress is relieved slightly, it may stop and repeat the
process, resulting in a rather jerky progress.
We now create a three layer microtwin, as in Fig. 2(a),

terminating at a 180� lamellar boundary and we place a
60� ordinary dislocation within the twin but with its elastic
center some distance from the LB. The relaxed structure
shown in Fig. 4(a) indicates that the step is eliminated at
the intersection of the twin with the LB. Now we apply a
glide force on ð1�11Þ in such a sense as to drive the ordi-
nary dislocation towards the LB. Two things happen; see
Fig. 4(b). First, the dislocation does not cross slip, or
dissociate on the (111) cross slip plane; instead it glides
on ð1�11Þ at a Peierls stress of 0.04. The second thing to
happen is the lateral growth of the twin by nucleation of a
dipole on an adjacent ð1�11Þ plane as described earlier.
It is interesting to note two further observations. (i) We

have created our three layer microtwin in monolithic
�-TiAl and we find that the three partial 1

6 ½1�1 �2� disloca-
tions glide in parallel at a Peierls stress of 0.01. Hence the
longitudinal growth of the twin may occur at very low

FIG. 3 (color online). A schematic of glide of the 60� dis-
location in monolithic � TiAl. (a) Under zero stress the dis-
location has a nonplanar core, spread onto the slip and cross slip
planes. (b) At a resolved shear stress of just 0:01c44 the dis-
location dissociates according to Eq. (1). (c) If the stress is
increased, the decomposition of Eq. (2) happens resulting in
recovery of the original dislocation having emitted a faulted
Shockley dipole. In fact, the process is more complex than this,
see the text. (d) The ordinary dislocation now glides on the slip
plane leaving behind the dipole. As the stress is relieved by glide,
one expects the sequence (b)–(d) to repeat resulting in a jerky
flow, as observed, leaving a debris of dipoles which are expected
to annihilate.

FIG. 4 (color online). A 60�12 ½110�
dislocation is placed within the twin
with elastic center indicated by a blue
dot. (b) Under shear stress on the ð1�11Þ
composition plane of the twin the 60�
dislocation glides towards the LB; simul-
taneously a 1

6 ½1�1 �2� twinning partial di-

pole is nucleated which expands under
stress producing an SISF parallel to the
twin boundary.
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stress. (ii) We have caused this growing twin to impinge
upon our 60� dislocation and find that the latter does not
become incorporated into the twin; instead it acts as an
obstacle to further twin advance. It therefore appears es-
sential to the cooperative deployment of slip and twinning
that is the signature of channeled flow that the 60� dis-
location is introduced into an existing twin.

In summary, molecular statics simulations at zero Kelvin
have revealed the following. (i) The interfacial step at a LB
necessarily introduced by the impingement of three 1

6 ½1�1 �2�
twinning dislocations is canceled by a single 1

2 ½110� 60�
dislocation, whose elastic center is near but not necessarily
at the LB. (ii) Dipole nucleation and lateral twin growth is
initiated at the same Peierls stress,�0:04, as the motion of
ordinary dislocations. (iii) The Peierls stress for longitudi-
nal growth of twins is 0.01—significantly lower than that
for ordinary dislocations. (iv) A 60� dislocation in mono-
lithic �-TiAl has non planar core and a Peierls stress of
0.065. At stresses close to this it emits Shockley partial
dipoles as it glides. In contrast, the same dislocation with
elastic center inside a microtwin has a non planar core, but
does not dissociate according to Eq. (1), and has much
lower Peierls stress of �0:04. We have confirmed this for
three and six layer twins. (v) 120� and 60� lamellar
boundaries act as obstacles to transmission of both twins
and dislocations. Once a twin has impinged upon a LB,
further stress causes the twin to grow laterally while lon-
gitudinal growth is impeded by the LB. (6) The cooperative
action of slip and twinning serves to translate a resolved
shear on the ð1�11Þ slip plane into a plane strain deformation
with invariant plane parallel to the (111) LB plane. This is
consistent with macroscopic observation and confirms ear-
lier speculations [3,5].

By a comparison of calculated Peierls stresses we have
demonstrated that slip and twinning are able to combine on
similar length and time scales. In real life, deformation
happens at finite temperature and we normally expect
ordinary dislocation velocities to be dominated by kink
pair nucleation as is usual for dislocations with non planar
cores; in the special case of the 60� ordinary dislocations
gliding within and on the composition plane of a microtwin
we expect glide to be dominated by kink pair formation to a
very much lesser extent. The formation of twins is ex-
pected to occur at the lamellar boundaries following the
emission of twinning dislocations [2,11]. We have now
shown that lateral growth of twins may be accomplished
at the same levels of stress as the propagation of disloca-
tions. This is probably the first explicit demonstration of
spontaneous nucleation of a dipole pair leading to the
widening of a twin. We cannot be sure how ordinary
dislocations are nucleated inside microtwins, but we expect
this to happen at the lamellar boundaries by the reaction of
twinning partials with interfacial dislocations [12]. There
is evidently a natural association of twins and dislocations
but we do not always expect the cancelation of Fig. 1(b) to
be accomplished perfectly. If the twinning and ordinary

dislocations do not occur in the exact ratio of three to one,
then some strain normal to the lamellar boundaries on the
scale of some hundred nanometers is to be expected; this is
consistent with experiment [13].
The picture that emerges in monolithic �-TiAl is of a

60� dislocation moving between self-locking events at
each of which it emits a Shockley partial dipole. This jerky
flow is observed [14], but the atomistic mechanism that we
advance here is a new one. We do not expect the emitted
dipoles to be observable since once the stress is removed
they will annihilate. The key to the operation of channeled
flow is the observation that the 60� dislocation is protected
by its surrounding twin from the dissociation of Eq. (1) and
consequent self-locking, and becomes glissile. It may then
conspire with its containing microtwin to channel the flow
into a plane strain condition.
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